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A B S T R A C T

The in situ micromechanical tensile tests are conducted to characterize the superelastic be-
haviors for [223], [1 2 14], [325] and [205] oriented Cu67Al24Mn9 micro-slats. The stress-induced
martensitic transformations are captured in all textures corresponding to strong crystallographic
anisotropy. We propose a one-dimensional constitutive model considering the directional
anisotropy of elastic modulus for cubic symmetry and the crystallographic compatibility of
twinned martensite. The modeled mechanical behaviors agree with the micromechanical tensile
tests well, which suggests that the formation of compatible twins is the primary deformation
mechanism. Particularly in the [205] texture, we observed formation of nano-cavities (< 100 nm)
on the lateral surface of the micro-slat. Based on the analysis of compatible martensite twin
laminates and fcc slip systems, we theorize that the massive normal elongation and little
lateral shear cause the formation, stretching and growth of nano-cavities at nano scales to
accommodate the external loads. As a result, the structural and functional fatigue resistance
is improved compared to other textures. The experimental and theoretical results in this paper
are potentially useful to guide the texture design of Cu-based shape memory alloy for high
transformation strain and low functional fatigue.

. Introduction

Shape memory alloys undergoing reversible phase transformations underlie a large category of functional materials widely
xploited for biomedical devices, microelectronic actuators and solid-state caloric refrigerators. In tandem with rapid growth of
ano-fabrication technologies, sophisticated devices such as self-expanding implants (Morgan, 2004; Chen et al., 2004; Yoneyama
nd Miyazaki, 2008; Petrini and Migliavacca, 2011), nano-manipulators (Koledov et al., 2019) and neutral stents (Chen et al., 2016)
an be materialized at nano to micron sizes, to treat the fatal vascular diseases. The functional stability and fatigue of the phase-
ransforming material used in nano/micro-devices play a critical role in applications, but the understanding of the micromechanical
ehaviors is still limited in this field. Compared to the bulk structures, the intrinsic hardening and strengthening of the miniaturized
tructures are mainly attributed to strain heterogeneity (Nix and Gao, 1998) and dislocation starvation (Greer and Nix, 2006), which
re concluded as smaller is stronger. For non-transforming metallic crystals, the kinematics and corresponding size effects were studied
nd verified extensively by various nanomechanics experiments (Greer et al., 2005; Nix and Gao, 1998; Greer and Nix, 2006) and
he continuum models (Gao et al., 1999; Huang et al., 2000; Wei and Hutchinson, 2003). For stress-induced transforming crystals, it
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is reasonable to speculate that the hardening and strengthening follow a similar size dependency, but the coupling of plasticity and
phase transformation makes the mechanisms of deformation more complicated. When the superelastic alloys are used in small scales,
a higher actuation load must be applied to those tiny devices to drive the demanded displacement, which undoubtedly compromises
the reliability of the functional material during the device deployment.

Among shape memory alloys, the equiatomic Ni–Ti (slightly Ni rich) are the mostly studied material system at submicron to
ens of microns length scales by micromechanical compression experiments (Frick et al., 2007, 2008; Norfleet et al., 2009; Hua
t al., 2018; Kabirifar et al., 2018; Chu et al., 2019; Hua et al., 2020). Besides the evidently seen hardening effect in the elastic
egime of austenite, the critical stress, at which the compression-induced martensitic transformation occurs, is observed to increase
ith the decreasing micropillar diameter, while the superelastic strain is slightly reduced (Frick et al., 2008), compared to the bulk

pecimen (Sehitoglu et al., 2001). It was also seen that the mechanism of deformation changes from martensitic transformation
riven to plasticity driven as the diameter of micropillar becomes less than 1 μm (Frick et al., 2007). The single crystal NiTi

micropillars with sizes from 1 μm-diameter (Frick et al., 2007, 2008) to 4 μm-diameter (Pfetzing-Micklich et al., 2012) exhibits
agnificent crystallographic anisotropy. Compared to the [001], [101] and [210] oriented micropillars that are fully reversible,

the [111] oriented micropillars exhibit a large permanent strain upon unloading, associated with a much higher flow stress upon
loading (Frick et al., 2008; Pfetzing-Micklich et al., 2012). As a rough summary over relevant publications for compression-induced
superelasticity of bulk and micropillar NiTi, the critical transformation stress increases from 400–600 MPa to 600–800 MPa, while
the superelastic strain reduces from 4%–6% to 2%–3% (Karami and Chen, 2021; Frick et al., 2007, 2008; Norfleet et al., 2009; Hua
et al., 2018; Kabirifar et al., 2018; Hua et al., 2020; Sehitoglu et al., 2001). Similar texture dependencies were also captured in
Cu-based superelastic micropillars, such as Cu–Al–Mn–Ni (Fornell et al., 2017) and Cu–Al–Mn (Karami et al., 2020b). Besides, in
typical Cu-based superelastic alloy, particularly the single crystal Cu–Al–Ni system, San Juan, Schuh and their coworkers conducted
massive nanomechanics studies on mechanical damping in micropillars and nanopillars (San Juan et al., 2008, 2009, 2012; Gómez-
Cortés et al., 2017; Gómez-Cortés et al., 2019), which exhibit drastically increase of transformation stress upon loading and decrease
of the reverse transformation stress upon unloading. It makes the Cu-based superelastic alloy system a profound candidate for
micromechanical damper devices.

While the studies of non-transforming material systems under microtension have been widely conducted to reveal the size effect
of plasticity in various crystals, the microtension experiments are rarely performed to study the superelastic behaviors of shape
memory alloys. Kiener, Minors, Greer, Nix and their coworkers are the pioneers who carried out in situ tensile tests under the electron
microscopy on non-transforming micro and nano lamellae of single crystals such as easy-to-slip copper, gold and aluminum (Kiener
et al., 2008; Kiener and Minor, 2011; Jennings and Greer, 2011; Kim and Greer, 2009; Oh et al., 2009), and hard-to-slip molybdenum,
tungsten, tantalum and niobium (Kim and Greer, 2009; Kim et al., 2010, 2012, 2010). Under scanning electron microscopy, the
sudden bursts captured by the stress–strain curves can be directly associated with the formation of slips of the tensile micro-slat.
The strain-hardening and dislocation starving mechanisms well explain the size dependencies of the micro/nanomechanics of most
non-transforming face-centered and body-centered single crystals. When the deformation involving the formation of both slips and
twins, and when the flow stress induces both plastic shear bands and martensitic phase transformation, the crystallographic theory
of martensite and the plasticity theory should be considered together. From experimental point of view, it is more challenging to
conduct the micromechanical tensile test due to the substantial lateral shear deformation caused by the formation of martensite
twinning variants. The alignment and geometric matching between the dog-bone or T-shaped micro-slat and the concave grip are
critical, sometimes become the single failure factor of the micromechanical tensile test.

In this paper, we conduct a series of in situ micromechanical tensile tests to study the orientation-dependent superelastic
behaviors of Cu67Al24Mn9 shape memory alloy. The crystallographic textures are characterized by electron backscatter diffraction
near the edge of the well polished specimen. The T-shaped tensile slat is milled by the focused ion beam with the gauge dimensions
of 3 × 1.5 × 12.8 μm3. In order to avoid asymmetric mechanical loading, we designed a flat shoulder for the tensile grip, which
ransfers the tensile force via a swelling transition to the gauge region. The true stress–strain behaviors are characterized for
223], [1 2 14], [325] and [205] oriented micro-slats, respectively. The superelasticity and its functional degradation exhibit strong

crystallographic anisotropy. The crystal plasticity and superelasticity are studied by a one-dimensional thermoelastic constitutive
model (Bhattacharya and Kohn, 1996; Sadjadpour and Bhattacharya, 2007) combined with the kinematic compatibility theory of
martensite (Ball and James, 1987; Karami et al., 2020b). The martensitic microstructure and defects are observed during the in situ
micromechanical tensile tests, which agree with the theoretical prediction of compatible martensitic twin laminates.

2. Experimental methods

2.1. Materials preparation and crystallographic characterizations

A mixture of high-purity Cu (99.99 wt%), Al (99.999 wt%) and Mn (99.95 wt%) ingots were weighted according to the atomic
ratio 67 ∶ 24 ∶ 9, which was sealed in a quartz tube for induction melting. The complete alloying process was conducted in the
induction furnace under Argon atmosphere. Followed by casting into a cylindrical copper mold, the melt was solidified in a rod-shape
of diameter 5 mm. The rod was homogenized at 800 ◦C for 3 h under an argon atmosphere, then underwent normalizing process
o develop uniformly distributed grain sizes. We cut the rod into thin slices of thickness 1 mm, which were sealed in a vacuum
uartz tube, annealed at 900 ◦C for 1 h and quenched into water to obtain martensite. For electron backscatter diffraction, the
ample surface was subsequently chemo-mechanically polished by a colloidal silica polishing suspension to remove deformation
2

ayer caused by initial mechanical polishing. The sample surface and the sides were all mechanically polished at room temperature
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Fig. 1. (a)–(b) The SEM image and corresponding EBSD inverse pole figure (IPF) map obtained from the areas near the edge of bulk sample. (c) The geometric
relation between the tensile grip and the sample. (d) IPF 𝑍-axis orientation function.

Table 1
The crystallographic orientations of each of the grains characterized by EBSD in Fig. 1. The components of 𝐗, 𝐘 and 𝐙 are written in cubic basis 𝐞1, 𝐞2 and 𝐞3.
The last column lists the nearest rational crystallographic direction to 𝑍 axis.

Grain 𝐗 𝐘 𝐙 𝐍

gr1 (yellow) [0.649,−0.721,−0.241] [0.657, 0.692,−0.299] [0.224, 0.021, 0.540] [205]
gr2 (blue) [−0.872, 0.253, 0.418] [0.039,−0.817, 0.576] [0.285, 0.303, 0.411] [223]
gr3 (purple) [−0.473,−0.692, 0.545] [0.736,−0.65,−0.187] [0.283, 0.183, 0.478] [325]
gr4 (red) [0.503, 0.847,−0.173] [−0.861, 0.508,−0.019] [0.042, 0.093, 0.576] [1 2 14]

for structural and crystallographic analysis. The room temperature phase is in face-centered cubic austenite, with lattice parameter
𝑎0 = 5.87897 Å (Karami et al., 2020a).

The grain structure and orientations of the polished bulk sample was characterized by electron backscatter diffraction (EBSD)
under Zeiss Sigma 300 FEG scanning electron microscope (SEM) with an Oxford Instruments Symmetry detector. We selected two
neighboring domains with an area about 4 × 1.5 mm2 near the sample edge to conduct the EBSD scans, as shown in Fig. 1(a)–(b)
with the stage coordinate system Xs–Ys–Z. Fig. 1(c) shows the geometric relation between the stage and the tensile slat for our in
situ micromechanical experiment. The tensile micro-slat is exposed to the e-beam for imaging where the tensile direction is along
𝑍-axis. The transverse and depth directions are denoted as X axis and Y axis. Both counterclockwisely rotate from Xs axis and Ys axis
by 45 degree. The EBSD inverse pole figure (IPF) map in Fig. 1(d) reveals four grains with different crystallographic orientations.
Let 𝐞1, 𝐞2 and 𝐞3 represent three cubic axes [001], [010] and [001] of austenite. Table 1 gives the components of orthonormal 𝐗 (X
axis), 𝐘 (Y axis) and 𝐙 (Z axis) vectors written in cubic basis. The 𝑍 axis is aligned with the uniaxial loading direction, to which
we selected a rational crystallographic direction 𝐍 to represent each of the grains. Note that all calculations related to the tensile
direction use the vector 𝐙 listed in Table 1.

2.2. Fabrication of micro-slat and tensile grip

The free-standing micro-slat was prepared by using FEI Helios G4 UX dual-beam focused ion beam (FIB) milling system.
Considering possible finite rotation and twist during the martensitic transformation during loading, we modified the conventional
designs (Kiener et al., 2008; Kim and Greer, 2009) of the ‘‘shoulder’’ shape for micro-slat. Instead of an angular shoulder with
about 30◦ inclination from the horizontal direction, we use the focused ion beam to sculpt a T-shaped micro-slat, which can be
gripped through a flat shoulder by the tensile grip. Near the corners of the T-shape, we designed a swelling transition from the
effective stretching domain to reduce the stress concentration. The final height/width ratio is about 4 with a lath thickness of
1.5 μm and width of 3 μm, shown in Fig. 2. This design allows for a better load balance from both sides and prevent the artificial
displacement responses due to bending and twisting. In fact, similar T-shaped gripping designs have been used for nanolamellae in
metallic glass (Tian et al., 2012) and diamond (Dang et al., 2021) under in situ nano-tensile test. Both experiments reported unusual
3
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Fig. 2. The SEM images of (a) miniaturized plate as the base for (b)–(d) the T-shaped micro-slat visualized from different angles.

Fig. 3. (a) Schematic illustration of micromechanical tensile setup in SEM chamber, and (b)–(c) SEM images of the tensile grip, and a proper alignment between
the micro-slat and the grip.

elastic behaviors in naturally brittle materials. Inspired by their results, we believe that the delicate displacement responses during
martensitic phase transformation accompanied with crystal plasticity would be accurately captured by our modified design.

The FIB milling steps for making the micro-slat are concluded as followings. First, a plate with width of 15 μm and thickness
of slightly bigger than 3 μm was milled near the edge of the well-polished bulk sample. Its vertical and horizontal tapering were
removed by a series low-current milling through the stage rotation and tilting, as indicated in Fig. 2(a). The plate was the base
for the micro-slat. Using our self-designed pattern, we milled a T-shape out of the plate, as shown in Fig. 2(b) in two steps with
sequentially reduced ion currents. Finally, the lateral surface was machined by low ion currents to remove the damaged layers,
finishing with the effective gauge length of 12.8 μm, width of 3 μm and thickness of 1.5 μm, shown in Fig. 2(c)–(d). We used a
20 μm-diameter diamond tip as a precursor to fabricate the tension grip. The geometry is designed to be an inverse to the T-shape.
First, we used a high ion current to mill a plate of about 10 μm thickness with small tapering sides, which was machined all through
using a designed concave pattern as shown in Fig. 3(b). The T-shaped micro-slat is well fitted in the tensile grip, in Fig. 3(c).

2.3. In situ micromechanical tensile experiment

The in situ uniaxial tensile tests were performed on the T-shaped micro-slats by FemtoTools Nanomechanical Testing System
(model FTNMT03, Buchs ZH, Switzerland) under FEI Quanta 250 FEG SEM. Fig. 3(a) shows the experimental configuration how the
sample is mounted to the loading cell, and how the loading cell is placed into the SEM chamber. The loading direction is aligned
with the 𝑍 axis, while the e-beam is parallel to the 𝑌 axis for imaging. First, we conducted a nanoindentation test on the surface to
calibrate the system compliance, which was used in the analysis of force–displacement data to remove any artificial deformations
caused by the grip and loading system. Then the tensile grip is lowered to grasp the tensile micro-slat with proper alignment
adjustments. We begun with the tensile test with an increasing maximum load from 1500 μN to 4300 μN at relatively fast loading
rate until the superelastic plateau was captured. For 𝐍 = [223] orientation, the maximum load was chosen to be 4300 μN, while for
𝐍 = [205], [325], [1 2 14] orientations, the maximum load was selected as 2150 μN. We collected the displacement–force data by the
displacement control at a fixed rate of 30 nm/sec to acquire a quasi-static mechanical response for the tensile micro-slat. At pre-
stretch, maximum stretch and post-stretch stages, the loading condition is held on for SEM imaging. The formation of microstructure
on the lateral side of the micro-slat can be observed and cooperated to the mechanical test. For each of the orientations in Table 1,
we performed the cyclic fatigue tests under displacement control at a loading frequency of 0.5 Hz. To minimize the effect of the
thermal drift during the long-term cycling experiment, we paused the test and re-calibrated the thermal drift every one hundred
cycles. It enables sufficient consistency of the functional degradation and residual strain accumulation over thousands of tensile
cycles.
4
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Fig. 4. (a) The DSC analysis of bulk Cu67Al24Mn9 alloy during a thermally driven phase transformation. The onsets on the heating/cooling pathways are denoted
as the austenite start/finish and martensite start/finish temperatures, corresponding to the labeled latent heat 𝓁𝑀→𝐴 and 𝓁𝐴→𝑀 . (b) The true stress–strain curves
of the microcompression tests on a 2𝜇m-diameter pillar with orientation [4 5 12] from 30 ◦C to 200 ◦C, with an inset of the post-mortem SEM image after
unloading at 170 ◦C.

2.4. Thermoelastic characterization

We used the differential scanning calorimetry (TA Instruments DSC250) to characterize the transformation temperatures and
latent heat of the bulk Cu67Al24Mn9 during a full phase transformation from martensite to austenite, then back to martensite. The
DSC system was firstly isothermal at −110 ◦C, then ramped up to 0 ◦C, finally cooled down to −110 ◦C at the rate of 10 ◦C/min.

Considering the stress-induced phase transformations of Cu-based shape memory alloys, the transformation driving force is
usually much lower than their yielding limits (San Juan et al., 2009; Fornell et al., 2017; Ni et al., 2016), so is the Cu67Al24Mn9 alloy.
From the thermal analysis, the thermally driven transformation of bulk Cu67Al24Mn9 alloy occurs below zero degree Celsius. At room
temperature, the stress-induced martensitic transformation happens before yielding. By Clausius–Clapeyron relation, as the testing
temperature is elevated, the transformation stress increases. In order to suppress the stress-induced martensitic transformation, and
purely drive the slip-only deformation of the miniaturized samples, we sequentially increase the testing temperatures until the
yielding happens before the martensitic transformation. We conducted a series of microcompression tests on a 2𝜇m-diameter pillar
with orientation [4 5 12] by Hysitron Triboindenter TI 900 from 30 ◦C to 170 ◦C. The stress-induced martensitic transformation is
observed under 30 ◦C, 130 ◦C, 150 ◦C, with an increasing transformation stress. At 170 ◦C, the pillar yields before stress-induced
phase transformation. Experimentally, this ex situ experiment provides us with important information to retrieve the critical resolved
shear stress for the testing material.

3. Results and discussion

3.1. Transformation temperatures, critical resolved shear stress and elastic modulus

From the DSC curve, in Fig. 4(a), we obtained the austenite start/finish temperatures 𝐴𝑠 = −25 ◦C, 𝐴𝑓 = 0 ◦C, and the martensite
start/finish temperatures 𝑀𝑠 = −50 ◦C, 𝑀𝑓 = −69 ◦C. The amount of latent heat absorbed during heating is 𝓁𝑀→𝐴 = 3.48 J/g from
martensite to austenite, while the latent heat emitted during cooling is 𝓁𝐴→𝑀 = −3.67 J/g from austenite and martensite.

From the microcompression results performed under a sequence of increasing temperatures, it is seen that the 2𝜇m-diameter pillar
exhibits superelasticity upon loading, and is completely recoverable at 30 ◦C. In Fig. 4(b), we observed stress-induced martensitic
phase transformations corresponding to the superelastic plateaux as the temperature continuous increasing, while prominent residual
strain is initially captured at 130 ◦C. It implies that the yielding and martensitic transformation coexist during the mechanical
loading above 130 ◦C. At 170 ◦C, the superelastic behavior completely disappears. Thus the pillar yields due to plasticity at
temperature 170 ◦C and beyond with a yielding stress 𝜎𝑦 = 875 MPa. This corresponds to the surface step observed in the
micrograph inset of Fig. 4(b). With respect to the compression direction 𝐜 = −[4 5 12], the maximum Schmid factor is calculated as
𝑚∗ = (𝐜⋅𝐧)(𝐜⋅𝐬)∕(|𝐜|2|𝐧||𝐬|) = 0.459 for 𝐧 = (1̄11), 𝐬 = [101] among 12 slip systems of face-centered cubic. The step caused by (1̄11)[101]
slip is observed in the post-mortem SEM image in Fig. 4(b), which agrees well with the angle 57◦ between the slip plane (1̄11) and
compression direction [4 5 12]. This experiment characterizes the critical resolved shear stress for the single crystal Cu67Al24Mn9,

𝜏CRSS = 𝜎𝑦𝑚
∗ = 401.6 MPa. (1)

This value plays a critical role in the microtension experiment to judge whether plasticity or martensitic transformation dominates
the kinematics upon the cyclic micromechanical loading.

In the linear elasticity regime of a cubic crystal, when the uniaxial loading direction 𝐍 is aligned with one of the ⟨100⟩ directions,
the compliance tensor only depends on three independent parameters as

𝑆1111 = 𝑆2222 = 𝑆3333 ≡ 𝑆11

𝑆1122 = 𝑆1133 = 𝑆2211 = 𝑆3311 = 𝑆2233 = 𝑆3322 ≡ 𝑆12

𝑆1212 = 𝑆2121 = 𝑆1313 = 𝑆3131 = 𝑆2323 = 𝑆3232 ≡ 𝑆44. (2)
5
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Fig. 5. (a) Angular relations of a crystallographic direction [ℎ𝑘𝑙] with respect to the cubic axes and (b) contours of the directional elastic moduli of the
face-centered cubic Cu67Al24Mn9 alloy.

When the uniaxial loading direction 𝐍 = [ℎ𝑘𝑙], depicted in Fig. 5(a), that is rotated about [001] axis by angle 𝛼 from [100], and tilted
by angle 𝛽 from (001) plane, the compliance tensor  ′ along the loading direction [ℎ𝑘𝑙] is transformed from the compliance tensor
 along the cubic axis [001] by

 ′
𝑖𝑗𝑘𝑙 = 𝑄𝑖𝑚𝑄𝑗𝑛𝑄𝑘𝑝𝑄𝑙𝑞𝑚𝑛𝑝𝑞 , (3)

where the second order tensor 𝐐 = 𝐐𝛽𝐐𝛼 ∈ 𝑆𝑂(3) for

𝐐𝛼 =
⎡

⎢

⎢

⎣

cos 𝛼 − sin 𝛼 0
sin 𝛼 cos 𝛼 0
0 0 1

⎤

⎥

⎥

⎦

, 𝐐𝛽 =
⎡

⎢

⎢

⎣

cos 𝛽 0 sin 𝛽
0 1 0

− sin 𝛽 0 cos 𝛽

⎤

⎥

⎥

⎦

. (4)

Let the uniaxial stress tensor written as 𝝈𝑛𝑛 = 𝜎𝐧 ⊗ 𝐧 where 𝜎 is the magnitude of the stress corresponding to the unimodular
vector 𝐧 ∈ R3 along the loading direction. The cubic compliance tensor can be determined by uniaxial tensile loading along various
linearly independent crystallographic directions. In our experiment, we conducted such an experiment on Cu67Al24Mn9 alloy to
measure the magnitude of uniaxial tensile force and the corresponding elongation along four linearly independent crystallographic
directions [205], [223], [325] and [1 2 14], by which the elastic modulus can be determined. The orientation dependent elastic modulus
is calculated and plotted in Fig. 5(b). Note that the elastic modulus presented here is the directional Young’s modulus calculated as
𝐸 = 1∕𝑆′

1111 by Eq. (3) for a crystallographic direction [ℎ𝑘𝑙]. Our uniaxial tensile tests reveal an elastic anisotropy of the Cu67Al24Mn9
alloy with the most stiff direction [111]. The specific values of moduli for each of the tested orientations are given in Section 3.3.

3.2. In situ uniaxial tensile of phase-transforming micro-slat

The uniaxial tensile stress versus strain is presented in Fig. 6(a). We assume that the volume of the micro-slat is conserved
during loading. For the measured force 𝐹 and displacement 𝑑, the true stress is calculated as 𝜎 = 𝐹

𝑤𝑡
𝓁+𝑑
𝓁

where 𝑤, 𝑡 and 𝓁 are
the width, thickness and length of the effective tensile region of the micro-slat in the reference configuration. The true strain is
calculated as 𝜖 = ∫ 𝓁+𝑑

𝓁
𝑑𝑥
𝑥 = ln 𝓁+𝑑

𝓁
. Among four tested orientations, the rigidest orientation is along [223] under the microtension

load. The stress-induced martensitic transformations are observed in all tested micro-slats, which are fully reversible upon unloading.
Let 𝜎𝑐𝑟 be the critical stress under which the martensitic transformation is initially captured upon loading. Both the critical stress
𝜎𝑐𝑟 and the transformation strain 𝜖𝑡, i.e. the width of strain plateau, exhibit strong crystallographic anisotropy. The [223] oriented
micro-slat exhibits the smallest transformation strain under the highest critical stress, while the [1 2 14] and [205] oriented micro-
slats show the biggest transformation strain under the lowest critical stress. The [325] oriented micro-slat’s superelastic response is
moderate compared to other orientations. The microstructure is characterized by SEM in Fig. 6(b)–(e) at pre-transformation (state
A - undeformed configuration) and post-transformation (state B - maximum stretched configuration). We observed the leaning twin
bands in martensite phase of [223], [325] and [205] textures, which disappear upon unloading. For [1 2 14] oriented micro-slat, it
is seen from Fig. 6(a) that about 6% superelastic strain is induced during tensile loading, but the martensitic twin bands were not
seen clearly in Fig. 6(c). Besides, formation of nano-cavities is observed on the left edge of the [205] oriented micro-slat. These
nano-cavities are almost uniformly distributed in the middle region of the side surface of the micro-slat with diameter of about
100 nm and below. Because the deformation by formation of the martensite is a simple shear with respect to the austenite as the
reference configuration, consequently the cavity would appear at either side of the micro-slat, but not at both sides.

To understand the formation of microstructure quantitatively, we analyze the kinematic compatibility of the martensitic phase
transformation of the tested alloy by the crystallographic theory of martensite (Ball and James, 1987). It was reported in refer-
ence Karami et al. (2020a) that the CuAl24Mn9 undergoes a structural transformation between face-centered cubic (𝐹𝑚3̄𝑚) austenite
and orthorhombic (𝑃𝑚𝑚𝑛) martensite. The lattice parameter of cubic phase is 𝑎0 = 5.87897 Å, determined by monochromatic X-ray
energy scans for specific indexed Bragg peaks. The orthorhombic martensite phase were characterized and analyzed by the derived
6
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Fig. 6. In situ micromechanical tensile experiments performed for various textures. (a) The true stress–strain curves of the single crystal micro-slat under uniaxial
tensile loading along the crystallographic directions [205], [223], [325] and [1 2 14]. The superelastic plateau is labeled by 𝜖𝑡. The insets A and B denote the
strain states, at which we collected (b)–(e) SEM images of the lateral side at the undeformed state (A) and the maximum stretched (B) state. The white arrows
suggest the martensite microstructure formed in configuration B. The zoomed image of [205] texture shows a sequence of nano-cavities. (f) The stress–strain
curves computed by the constitutive model in (14) for the tested orientations.

structure algorithm (Karami et al., 2020a) based on their Laue diffraction patterns and corresponding monochromatic X-ray analysis.
The lattice parameters of martensite are refined as 𝑎 = 4.43196 Å, 𝑏 = 5.34533 Å and 𝑐 = 4.26307 Å. On the cubic basis, the
transformation stretch tensor is calculated as

𝐔 =

[𝛼 𝛽 0
𝛽 𝛼 0
0 0 𝛾

]

(5)

where 𝛼 = 𝑎+𝑐
√

2𝑎0
, 𝛽 = −𝑎+𝑐

√

2𝑎0
and 𝛾 = 𝑏

𝑎0
. The stretch tensor in Eq. (5) is identified as one of the martensite variants. There are six

distinct variants calculated from Eq. (5) by a symmetry-relation 𝐐𝐔𝐐𝑇 for 𝐐 ∈ 24∕4 where 24 and 4 denote the point groups
of cubic (group order: 24) and orthorhombic (group order: 4). All six martensite variants are expressed as

𝐔1 =

[𝛼 0 𝛽
0 𝛾 0
𝛽 0 𝛼

]

, 𝐔2 =

[ 𝛼 0 −𝛽
0 𝛾 0
−𝛽 0 𝛼

]

, 𝐔3 =

[𝛾 0 0
0 𝛼 −𝛽
0 −𝛽 𝛼

]

𝐔4 =

[𝛾 0 0
0 𝛼 𝛽
0 𝛽 𝛼

]

, 𝐔5 =

[ 𝛼 −𝛽 0
−𝛽 𝛼 0
0 0 𝛾

]

, 𝐔6 =

[𝛼 𝛽 0
𝛽 𝛼 0
0 0 𝛾

]

. (6)

Three ordered eigenvalues of these symmetry-related variants are

(𝜆1, 𝜆2, 𝜆3) =

(

𝑏
𝑎0

,

√

2𝑐
𝑎0

,

√

2𝑎
𝑎0

)

with 𝜆1 < 𝜆2 < 𝜆3. (7)

The middle eigenvalue 𝜆2 = 1.0253, which implies that the martensite forms as a mixture of fine twins through an elastic transition
layer from the austenite due to crystallographic compatibility (Ball and James, 1987). The laminated twin structure, expressed as
(1 − 𝑓 )𝐔𝑖|𝑓 𝐑̂𝑖,𝑗𝐔𝑗 for some volume fraction 𝑓 ∈ [0, 1] and rotation 𝐑̂𝑖,𝑗 ∈ 𝑆𝑂(3), satisfies a rank-one relation1

𝐑̂𝑖,𝑗𝐔𝑗 − 𝐔𝑖 = 𝐚𝑖,𝑗 ⊗ 𝐧𝑖,𝑗 , (8)

in which 𝐧𝑖,𝑗 , 𝐚𝑖,𝑗 ∈ R3 are the twin plane and twin shear vectors for the pair of variants (𝑖, 𝑗). Then, the twin can be expressed by a
variant and its twin parameters as (𝐔𝑖, 𝐚𝑖,𝑗 ⊗ 𝐧𝑖,𝑗 ). The interface between the twin laminate in Eq. (8) and austenite is calculated by
solving the crystallographic equation

𝐑𝑖,𝑗 (𝐔𝑖 + 𝑓𝐚𝑖,𝑗 ⊗ 𝐧𝑖,𝑗 ) − 𝐈 = 𝐛𝑖,𝑗 ⊗𝐦𝑖,𝑗 , (9)

1 No summation on 𝑖, 𝑗 and so for the calculations beyond.
7
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Table 2
Calculated and measured recoverable strain under uniaxial loading for CuAlMn micro-slats.
𝐍 calculated 𝜖𝑡 measured 𝜖𝑡
[223] 0.0289 0.028
[1 2 14] 0.0499 0.051
[325] 0.0428 0.049
[205] 0.0507 0.058

for the habit plane 𝐦𝑖,𝑗 and total shear 𝐛𝑖,𝑗 in R3. The necessary condition that Eq. (9) has a solution for an internally twinned
artensite is

(𝐴
4
+ 𝐵)𝐵 ≤ 0, for 𝐴 = −2(𝐔𝑖𝐚𝑖,𝑗 ) ⋅ cof(𝐔2

𝑖 − 𝐈)𝐧𝑖,𝑗 , 𝐵 = det(𝐔2
𝑖 − 𝐈) − 𝐴∕4, (10)

where the symbol cof(⋅) means the cofactor of a matrix. The inequality (10) is algebraically equivalent to the criterion proposed in
reference Ball and James (1987) to ensure the internally twinned martensite is compatible with austenite through a planar interface.
Among all variants, pairs of variants (𝐔1,𝐔2), (𝐔3,𝐔4), (𝐔5,𝐔6) form compound twins through one of the three cubic axes ⟨100⟩,
however none of them are compatible with austenite, that means the inequality (10) is not satisfied. Examined by the criterion (10),
the pairs of variants in the set

 = {(𝑝, 3), (𝑝, 4), (𝑝, 5), (𝑝, 6), (𝑞, 5), (𝑞, 6) for 𝑝 = 1, 2, 𝑞 = 3, 4}

form compatible twin laminates for both type I and II twins through one of the face diagonal axes ⟨110⟩. That is 2|| = 24 martensite
wins. For each of the compatible twin laminates given by , the crystallographic Eq. (9) gives 8 austenite/twinned martensite
nterfaces: 4 for type I twin and 4 for type II twin. In total, there are 96 austenite/twinned martensite interfaces under various
winning volume fractions, which can be expressed as a metric tensor

𝐂𝑖,𝑗 = (𝐔𝑖 + 𝑓𝐧𝑖,𝑗 ⊗ 𝐚𝑖,𝑗 )(𝐔𝑖 + 𝑓𝐚𝑖,𝑗 ⊗ 𝐧𝑖,𝑗 ) (11)

or the twinned martensite variants (𝑖, 𝑗) ∈  and 𝑓 ∈ [0, 1].
The axial transformation strain for each of the twin systems along the loading direction 𝐍̂ = 𝐍∕|𝐍| is calculated as

𝜖𝑖,𝑗 (𝐍̂) =
√

𝐍̂ ⋅ 𝐂𝑖,𝑗𝐍̂ − 1. (12)

ccording to energy minimization (Bhattacharya et al., 2003; Bhattacharya and Kohn, 1996), the recoverable strain under uniaxial
oading along 𝐍̂ can be found as

𝜖𝑡(𝐍̂) = max
(𝑖,𝑗)∈

(

𝜖𝑖,𝑗 (𝐍̂)
)

. (13)

ote that the metric tensor 𝐂𝑖,𝑗 for (𝑖, 𝑗) ∈  always has a unity middle eigenvalue (Ball and James, 1987), then the crystallographic
ompatibility is guaranteed between austenite and twinned martensite variants (𝑖, 𝑗) through a planar habit plane.

The calculated transformation strain under each of the loading directions is listed in Table 2, compared to the measured
uperelastic strain by microtension experiment, characterized as the plateau strain bounded between two linear elastic regimes
f austenite and martensite as labeled in Fig. 6(a). Among all tested orientations, the predicted transformation strains of [223] and
1 2 14] oriented micro-slats agree with the characterized strains very well, while the theoretical strains are slightly smaller than
he measured values for [325] and [205] orientations. It suggests that there exist a small amount of axial deformation not related to
artensitic transformation in textures [325] and [205].

.3. One-dimensional micromechanics constitutive model

In order to further understand the effect of crystallographic anisotropy on superelastic response, we consider a one-dimensional
onstitutive model for the micro-slat under uniaxial tension. The Helmholtz free energy density is written as a function of axial
train 𝜖, internal variable 𝜆 and temperature 𝜃,

𝜙(𝜖, 𝜆, 𝜃 = 298K) = 1
2
𝐸𝐍

(

𝜖 − 𝜆𝜖𝑡(𝐍)
)2 + 𝜆

𝜌𝓁
𝜃𝑐

(𝜃 − 𝜃𝑐 ) − 𝑐𝑝𝜃 ln
(

𝜃
𝜃𝑐

)

, (14)

where 𝜃𝑐 is assumed to be the average transformation temperature, 𝓁 is the latent heat of phase transformation, and 𝜌 = 7.3g/cm3 is
the density of the material. The first term is bulk elastic energy density due to the tensile loading, where 𝐸𝐍 is the elastic modulus
along the tensile direction 𝐍, corresponding to the relative axial elastic elongation along this direction. In this model, we assume
that the energetic contribution due to the change in cross-sectional area is negligible within elastic and superelastic regimes. The
second and third energetic terms underly the chemical energy density due to the thermally-driven phase transformation and the
heat exchange with surroundings.

All thermal properties were characterized by DSC in Fig. 4(a). Since our experiment was performed under room temperature,
the temperature 𝜃 in (14) is set to be 298 K. Upon loading, 𝜃𝑐 = 𝜃𝐴→𝑀

𝑐 = 1
2 (𝑀𝑠 + 𝑀𝑓 ) = 235.5 K, while upon unloading,

𝜃 = 𝜃𝑀→𝐴 = 1 (𝐴 + 𝐴 ) = 260.5K. The directional elastic moduli of the testing orientations are calculated by cubic symmetry
8
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Fig. 7. Twin structures (blue and cyan stripes) formed in austenite (green) phase of (a)[223] (b) [1 2 14] (c) [325] (d) [205] oriented micro-slats during
uniaxial tension in 𝑍 −𝑋 plane. 𝜖𝑡 denote the axial tensile strain gained by phase transformation.

in (3): 𝐸[205] = 12.4 GPa, 𝐸[223] = 50 GPa, 𝐸[325] = 26 GPa, 𝐸[1 2 14] = 8.6 GPa. The internal variable 𝜆 ∈ [0, 1] represents the volume
fraction of martensite phase. The driving force with respect to the internal variable is defined as

𝑑𝜆 = −
𝜕𝜙
𝜕𝜆

= 𝜖𝑡(𝐍)𝐸𝐍(𝜖 − 𝜆𝜖𝑡(𝐍)) −
𝜌𝓁
𝜃𝑐

(𝜃 − 𝜃𝑐 ). (15)

The constitutive relation of (14) gives the stress

𝜎 =
𝜕𝜙
𝜕𝜖

= 𝐸𝐍
(

𝜖 − 𝜆𝜖𝑡(𝐍)
)

. (16)

Substitute (16) in (15), we obtain

𝑑𝜆 = 𝜎𝜖𝑡(𝐍) −
𝜌𝓁
𝜃𝑐

(𝜃 − 𝜃𝑐 ). (17)

We assume that the evolution of martensite (i.e. evolution of 𝜆) depends on the driving force 𝑑𝜆 through the kinetic relation (Sad-
jadpour and Bhattacharya, 2007)

𝜆̇ =

⎧

⎪

⎪

⎨

⎪

⎪

⎩

(

1 + 1
𝑑𝜆−𝑑+

)−1∕2
𝑑𝜆 > 𝑑+,

(

1 + 1
−𝑑𝜆+𝑑−

)−1∕2
𝑑𝜆 < 𝑑−,

0 else.

(18)

The parameters 𝑑± are the critical driving forces during loading and unloading paths. Based on (17), the critical driving force is
given by 𝑑+ = −𝜌𝓁𝐴→𝑀 (𝜃 − 𝜃𝑐 )∕𝜃𝑐 in absence of transformation strain, and 𝑑− = −𝑑+. Under a linear loading profile

𝜎(𝑡) =

{

2𝜎max
𝜏 𝑡 𝑡 ≤ 𝜏∕2,

−𝜎max
𝜏 (𝑡 − 𝜏∕2) 𝑡 > 𝜏∕2,

(19)

where the loading period 𝜏 = 45sec, and maximum load 𝜎max is set to be 800 MPa for [223], 600 MPa for the other three orientations.
The stress–strain behaviors are numerically calculated in Fig. 6(f), corresponding to the critical stress 𝜎cr = 472.3 MPa, 286.7 MPa,
337.9 MPa, and 282.4 MPa for [223], [1 2 14], [325] and [205] respectively. Our one-dimensional model agrees well with the stress-
induced phase transformation for all textures captured by the microtension experiments. It confirms that the deformation mechanism
at micron sizes is dominated by martensitic transformation. The critical transformation stress predicted by our one-dimensional
constitutive model agrees very well with the experimental results for each of the textures. However, the orientation-dependent
recoverable strains are relatively smaller than the measured values, especially for the orientation [205].

To explore the deformation mechanism that may cause the strain discrepancy between theory and experiment, we analyzed
the twins and slips in details. The interfaces between austenite and twinned martensite are calculated and plotted in Fig. 7. For
comparison, the slip planes of face-centered cubic (fcc) lattice with respect to the maximum slip Schmid factors are plotted in
Fig. 8. By solving the crystallographic Eq. (9) and maximizing the uniaxial tensile strain in (13), for the [223] and [1 2 14] oriented
micro-slats, the martensite is twinned through (11̄0) type I twin by variants (1, 4) with the volume fraction 𝑓 = 0.713; for the [205]
9
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Table 3
The habit plane, lateral shear strain (𝑍 −𝑋 shear) and corresponding maximum Schmid factors of twinned martensite in [223], [1 2 14], [325] and [205] oriented
micro-slats.
𝐍 variants habit plane shear strain 𝜖31 twin Schmid slip Schmid
[223] (1, 4) (−0.659, 0.256, 0.707) 0.0783 0.273 0.356
[1 2 14] (−0.753,−0.179,−0.633) 0.0124 0.461 0.463
[325] (1, 4) (−0.256, 0.659,−0.707) 0.0490 0.402 0.456
[205] (0.179, 0.753, 0.633) 0.0105 0.469 0.497

Fig. 8. Slip structures (blue) in austenite (green) phase of (a)[223] (b) [1 2 14] (c) [325] (d) [205] oriented micro-slats during uniaxial tension in 𝑍 −𝑋 plane.

and [325] oriented micro-slats, the martensite is also twinned through the same pair of variants yet with a different volume fraction
𝑓 = 0.287. Along the loading direction 𝐙 listed in Table 1, The twin Schmid factor is calculated as 𝑚𝑡(𝐙) = (𝐙 ⋅𝐦)(𝐙 ⋅ 𝐛)∕(|𝐙|2|𝐦||𝐛|)
for specific habit plane 𝐦 and shear vector 𝐛 as the solution to Eq. (9). Note that the crystallographic orientations are denoted
by 𝐍 = [223], [1 2 14], [325] and [205], numerically we use the exact components of the 𝑍 axis listed in Table 1. The calculated
austenite/twinned martensite habit planes are listed in Table 3, corresponding to the microstructure for twinned martensite laminates
(blue) and undeformed austenite (green) shown in Fig. 7. We also present the deformed configuration (black dashed frame) by the
homogeneous deformation gradient 𝐈 + 𝐛⊗𝐦, compared to the reference configuration depicted as the red square in Fig. 7. From
kinematics point of view, the shear deformation of [205] is the least among all textures.

A quantitative comparison of the lateral shear deformation can be conducted by a direct calculation of 𝑍 −𝑋 shear component.
For variant pairs (1, 4) and some twinning volume fraction 𝑓 such that the metric tensor 𝐂1,4(𝑓 ) is compatible with the austenite,
the shear component

𝜖31(𝐗,𝐙) =
𝐗 ⋅ 𝐂1,4(𝑓 )𝐙

(𝐗 ⋅ 𝐂1,4(𝑓 )𝐗)1∕2(𝐙 ⋅ 𝐂1,4(𝑓 )𝐙)1∕2
, (20)

where 𝐗 and 𝐙 are the axes of the tested microslat listed in Table 1, and the metric tensor 𝐂1,4(𝑓 ) = (𝐔1+𝑓𝐧1,4⊗𝐚1,4)(𝐔1+𝑓𝐚1,4⊗𝐧1,4)
for volume fraction 𝑓 = 0.713 for [223] and [1 2 14] orientations and 𝑓 = 0.287 for [325] and [205]. The results of 𝑍 −𝑋 shear strains
are given in the third column of Table 3, among which the shear deformation of [205] oriented micro-slat is the smallest. In contrast,
its twin Schmid factor and fcc slip Schmid factor is the highest compared to other three orientations. Note that [205] is also the
orientation showing the largest elongation. It strongly suggests that the high tendency of plastic flow along both habit planes and
slip planes may activate the motion of defects, which accumulate at the surface. Due to massive normal stretching, the accumulated
defects form nano-cavities at the side surface, as seen in the deformed configuration of [205] micro-slat in Fig. 6(e). The stress-induced
martensitic transformation, together with the elastic stretching of cavities make the characterized recoverable strain of [205] bigger
than the theoretically predicted transformation strain.
10
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Fig. 9. Tensile cyclic nanomechanical behaviors of the Cu67Al24Mn9 micro-slats oriented in (a) [223], (b) [1 2 14], (c) [205], and (d) [325] with the functional
degradation of (e) critical stress and (f) recoverable strain.

3.4. Tensile functional fatigue under cyclic stress-induced transformations at micron-scale

To study the degradation of superelasticity and structural fracture mechanism, we conducted an in situ microtension fatigue test
for each of the micro-slats in various orientations. Fig. 9a–d illustrates the stress–strain responses of the [223], [1 2 14], [325] and [205]
oriented micro-slats at various number of cycles. The superelastic behavior is captured in all orientations before fracture, although
their functionalities gradually degrade as increasing the number of cycles. The cyclic degradation of critical stress and recoverable
strain is shown in Fig. 9(e) and (f). The [223], [1 2 14] and [325] oriented micro-slats fracture under 3000 cycles of stress-induced
phase transformations, while the [205] oriented micro-slat is still functional even after 10,000 cycles without failure. For the [205]
oriented micro-slat, the critical stress and the total recoverable strain are asymptotically converged after 6,000 transformation cycles.
Interestingly, the recoverable strain remains above 8% despite an accumulation of large permanent strain (i.e. 𝜖𝑟 labeled in Fig. 9d).

From the surface morphology captured by SEM after a specific number of fatigue cycle (Fig. 10), it is clearly seen that the
nano-cavities grow along the tensile direction in [205] oriented micro-slat but no structural fracture occurs, while the cracks form
and propagate in [223], [1 2 14] and [325] micro-slats. The fracture mechanisms are different in different crystallographic textures.
For textures [223], [1 2 14] and [325], the structure failure is caused by shear, Fig. 10(a)–(c). Both critical stress and recoverable strain
gradually decrease upon repeated phase transformations, shown in Fig. 9(e)–(f). Among them, the most stiff texture [223] degrades
the fastest, which almost loses the superelastic feature after 2500 cycles. For [325] texture, the crack appears within the swelling
region of the micro-slat. The crack nucleation may be sensitive to intrinsic defect distributions inside the sample. We fabricated
two tensile slat of [325] texture within the same grain, and we got similar mechanical life and cracking mode. For [205] texture,
the structural and functional fatigue mechanism is a combination of plasticity and stretchability of nano-cavities. Because both
twinning and slip Schmid factors are large, the plastic flow drives the defects to the side and form nano-cavities. When martensitic
transformation takes place, stress-induced massive stretching make the cavity elongate along the tensile direction in addition to
the axial transformation strain. Upon unloading, the cavity partially recovered. This process repeats over numerous transformation
cycles, as a result the residual strain caused by formation of cavity accumulates but the main body’s superelasticity does not degrade
11
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Fig. 10. Surface morphology of the Cu67Al24Mn9 micro-slats oriented in (a) [223], (b) [1 2 14], (c) [205], and (𝑑)[325] at various cycles during the in situ
microtension fatigue tests.

Table 4
Orientation-dependent yield strength of Cu67Al24Mn9 with the critical resolved shear stress 𝜏CRSS = 401.6 MPa.

Orientation Yield strength 𝜎𝑦 Yielding mode 𝜎𝑐𝑟∕𝜎𝑦
[223] 1128 MPa [101]⊗ (1̄11) slip 0.42
[1 2 14] 867 MPa [101]⊗ (1̄11) slip 0.33
[325] 881 MPa [011]⊗ (11̄1) slip 0.38
[205] 818 MPa [011]⊗ (11̄1) slip 0.35

too much. Although similar stress–strain response is captured in [1 2 14] texture (Fig. 9b), its lateral shear deformation is relatively
larger than that of [205] texture. From its microstructure, we did not observe formation of cavities at visible length scales under
SEM. Therefore, we conjecture that the deformation mechanism of [1 2 14] texture is different from [205] texture.

From microscopic point of view, both dislocation motions and formation of twins may cause the permanent strain during the
uniaxial tensile loading. The activation of dislocation follows the Schmid law. When the resolved shear stress on the slip plane
reaches 𝜏CRSS, the dislocations slip, and the permanent strain is accumulated. The axial stress 𝜎𝑠(𝐭) =

𝜏CRSS
𝑚∗(𝐭) is defined as the yield

strength due to dislocation motions where 𝑚∗ is the maximum Schmid factor of fcc slip system along the tensile direction 𝐭. On the
other hand, the formation of deformation twins also causes the permanent strain by the shear motion with respect to austenite. When
the resolved shear stress on the A/M interface reaches 𝜏CRSS, the axial stress 𝜎tw(𝐭) =

𝜏CRSS
𝑚𝑡(𝐭)

is defined as the yielding strength due to
twinning where 𝑚𝑡 is the maximum twinning Schmid factor along the tensile direction 𝐭. For a micro-slat undergoing stress-induced
martensitic transformation, the sample yields when the axial stress reaches the least value of {𝜎𝑠, 𝜎tw}, thus we can estimate the
orientation-dependent yield strength as

𝜎𝑦(𝐭) = min
{

𝜎tw(𝐭), 𝜎s(𝐭)
}

. (21)

Table 4 concludes the calculated yield strength for each of the tested orientations corresponding to the specific yielding mode. The
results suggest that the martensitic transformation occur prior to the plastic deformation since the critical transformation stress is
less than the yield strength for all of them. As expected, the texture [205] has the lowest yield strength. We calculated the ratio
of transformation stress (𝜎𝑐𝑟) to the yield strength (𝜎𝑦) in the last column of Table 4, which can be used as an index to check the
tendency of martensitic transformation and plastic deformation upon loading. Even the stress flow inside the tensile sample is below
the yield limit, the plastic deformation still possibly occur for those orientation with relatively high transformation stress, such as
the texture [223]. Experimentally, this texture indeed degrades the fastest within first 1000 stress-induced transformation cycles
(Fig. 9e–f).
12
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4. Conclusion

In this paper, we carried out a comprehensive experimental and theoretical study of orientation-dependent superelastic behaviors
f Cu67Al24Mn9 alloy at small scales by in situ micromechanical tensile experiment under scanning electron microscopy. We showed
hat the stress-induced martensitic transformation and corresponding fatigue resistance are much texture dependent. Our one-
imensional constitutive model well captured the main crystallographic anisotropy of the stress-induced martensitic transformation,
hich also suggests some latent mechanism for specific texture, e.g. [205]. Through in situ observation of microstructure at the

maximum stretched configuration, we discovered formation of nano-cavities in [205] texture. By geometric nonlinear analysis of
artensite microstructure and fcc slip systems, we conclude that the massive normal elongation, suppressed lateral shear and high

endency of plastic flow cause the formation, stretching and growth of nano-cavities at one side of the tensile slat at micron scales.
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